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Abstract 

Diffusional aspects of the solid state amorphization reaction (SSAR), specifically in early transition metal- late 
transition metal (ETM-LTM) systems, are considered. Self- and tracer diffusivities of ETM and LTM components 
in crystalline and amorphous phases are reviewed. The alloy characteristics leading to fast diffusion of LTM 
species and to good glass-forming ability are described. The nucleation of the amorphous phase in the SSAR 
is analysed, drawing parallels with interstitial-substitutional diffusion in semiconductors. Interdiffusion in amorphous 
ETM-LTM phases is considered in detail, taking into account stress effects, structural relaxation and the mixing 
thermodynamics of the amorphous phase. 

1. Introduction 

There are a number of examples of interracial re- 
actions which can yield an amorphous phase, e.g. ox- 
idation and silicidation [1]. A reaction between two 
polycrystalline metallic elements yielding an amorphous 
phase was first demonstrated by Schwarz and Johnson 
[2]. There are many other methods of amorphizing 
alloys in the solid state (reviewed in ref. 3), e.g. ion 
[4], electron [5] and neutron [6] irradiation, ion mixing 
[7], ion implantation [8], mechanical alloying [9], grind- 
ing of intermetallic compounds [10] and hydrogenation 
[11], typically involving an input of energy or a com- 
position change. However, amorphization by interfacial 
reaction occurs as a system of constant average com- 
position evolves towards equilibrium on annealing, and 
is the method most amenable to quantitative analysis. 
It is the subject of this paper, in which it is referred 
to as the solid state amorphization reaction (SSAR). 

The SSAR is found for a large number of combinations 
of metals (reviewed in ref. 3), but the most common 
type of combination (and the most studied) is that of 
a late transition metal (LTM - Co, Fe, Ni) with an 
early transition metal (ETM - Hf, Ti, Zr). This paper 
focuses on the SSAR in the Fe-Zr, Co-Zr and Ni-Zr 
systems. 

It was recognized from the earliest studies [2] that 
there are two main attributes of systems showing the 
SSAR: a strong thermodynamic driving force for the 
mixing of the two elements (i.e. a strongly negative 

heat of mixing) and diffusional asymmetry (i.e. one 
element diffuses anomalously fast in the other, but not 
vice versa). As Johnson [3] has pointed out in his 
review of the various methods of solid state amor- 
phization, the transformations to form a metastable 
amorphous phase involve competing processes. In the 
SSAR the role of the diffusional asymmetry is roughly 
that the fast-diffusing component permits the mixing 
of the two elements, whereas the other relatively im- 
mobile component hinders the structural changes that 
would enable the system to maintain equilibrium struc- 
tures appropriate for its composition. This paper is 
concerned with the diffusional (i.e. kinetic) aspects of 
the SSAR, which are significantly influenced by the 
thermodynamics of the systems involved. 

2. Diffusional asymmetry 

The diffusional asymmetry referred to above was 
noted in the crystalline forms of the two elements 
involved, and could form a basis for the selection of 
systems for the SSAR. For example, nickel is a fast 
diffuser in crystalline zirconium (a phase, hexagonal 
close packed (h.c.p.)), but zirconium has a normal (slow, 
substitutional) diffusivity in crystalline nickel (cubic close 
packed (c.c.p.)) [12]. Data on tracer and self-diffusivities 
in bulk and grain boundaries are collected in Fig.1 for 
a number of LTM-Zr combinations. Zirconium, like 
the other ETMs hafnium and titanium, exhibits two 
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Fig. 1. Survey of data on self-diffusivities and tracer diffusivities 
of components of late transition metal-zirconium (LTM-Zr) 
systems: self-diffusivities in ~x-Zr (~7, [13]), c.c.p. Co (x,  [14]) 
and Ni (*, [15]); tracer diffusivities of Co (rq, in single crystal 
[16]; ~, in polycrystal [17]), Fe (A, in single crystal [12]) and 
Ni (C), in single crystal [12]) in ~x-Zr; grain boundary diffusivity 
(times segregation factor) of Co in ot-Zr (+, [17, 18]); tracer 
diffusivities of LTM in amorphous LTM-Zr alloys (withxLa-M >~ 0.5) 

- -  Co in a-CosgZrll (am, [19]), Fe in a-Fe91Zr 9 (A, [20] and Ni 
in a-Nis0Zrs0 (O, [21]); Zr in amorphous LTM-Zr alloys (with 
XLrM>~0.5) -- in a-Fe91Zr9 (V, [20]) and in a-Ni~Zr35 (~, [22]). 
The vertical arrows indicate the disparity between LTM and Zr 
dilfusivities in a-Zr and a-LTM-Zr alloys. 

crystalline phases: ot at lower temperature (less than 
1135 K [23]) is h.c.p.: 13 at higher temperature is body- 
centred cubic (b.c.c.). Here, only diffusivities at lower 
temperatures (below the ~-[3 transition) are considered, 
as these are the temperatures relevant for the SSAR 
(and in the SSAR it is the a phase which reacts with 
the LTM). Some of the scatter in the data for the t~ 
phase can be attributed to anisotropy of diffusion in 
single-crystal or textured polycrystalline samples. From 
the figure it is clear that the diffusivities of LTM solutes 
(Co, Ni and Fe) in an ~x-Zr matrix are very similar 
and anomalously fast, being 106--109 times faster than 
the self-diffusivities of the elements involved (which 
are similar to each other).. Grain boundary diffusivities 
for LTM solutes in et-Zr grain boundaries appear to 
be even higher (by 104-105 times). For both bulk and 
grain boundary diffusion there is a variety of evidence, 
including low activation volume, indicating that the 
anomalously fast transport is interstitial [24, 25]. Similar 

results are found for LTM solutes in hafnium and 
titanium. 

The diffusional asymmetry evident in the crystalline 
elements also appears to be present in the amorphous 
phases formed by the SSAR. The diffusion in the 
amorphous phase is directly related to the mechanism 
of the SSAR since the amorphous phase forms as a 
barrier layer between the two reacting elements. Rel- 
evant data on tracer diffusivities of the components in 
a-LTM-Zr ("a" denotes amorphous) phases are in- 
cluded in Fig. 1. Diffusivities in a-Ni-Zr appear to be 
relatively independent of composition for mole fractions 
XNi >/0.5 [21], and for valid comparisons only amorphous 
phases with LTM mole fractions of 0.5 or greater are 
considered in the figure. With this restriction, the self- 
diffusivities of the LTM components in a-LTM-Zr 
phases are found to be remarkably similar (as pointed 
out by D6rner and Mehrer [19]). An inert marker 
experiment in the amorphous phase during the SSAR 
in the Ni-Zr system has shown that nickel is the 
dominant diffusing species [26]. This supports the ob- 
servation for Ni-Zr [27, 28] (and more recently for 
Co-Zr  [19]) that the rate of thickening of the amorphous 
layer in the SSAR is consistent with the diffusivity of 
nickel (or cobalt) as measured by radiotracer experi- 
ments in the amorphous phase. Within the resolution 
of the marker experiment, it could be concluded that 
the diffusivity of nickel is at least 20 times that of 
zirconium. In radiotracer measurements by Horv~ith et 

al. [20] on a-Fe91Zr9 it was found that the disparity 
between LTM and ETM diffusivities in an amorphous 
ETM-LTM phase could be as great as that between 
the LTM and ETMdiffusivities in a crystalline, ot phase 
ETM. These measurements are included in Fig. 1, and 
show that the LTM component can also be an anom- 
alously fast diffuser in the amorphous alloy, being up 
to 105 times faster than the ETM component. (The 
disparity in LTM and ETM diffusivities is, however, 
much less marked in the Zr-rich amorphous phases 
Fe24Zr76 and Fe28Zr72 [20].) The Fe91Zr9 composition 
in which the diffusivities were measured is well outside 
the approximately equiatomic composition range formed 
by the SSAR. The first confirmation that, in the com- 
position range of the amorphous phase formed in the 
SSAR, the disparity between the LTM and ETM dif- 
fusivities could be so great came in the work of Greer 
et al. [22] on multilayered thin films. They showed that 
in a-Ni65Zr35 the zirconium self-diffusivity is approxi- 
mately 10 6 times less than that of nickel. 

It appears from Fig. 1 that, in general, LTM dif- 
fusivities in a-LTM-Zr phases (with XI.TM>~0.5) are 
approximately 102 times lower than in oL-Zr. Zirconium 
diffusivities in a-LTM-Zr phases are 10°-102 times 
greater than the self-diffusivity in a-Zr. In a-LTM-Zr 
phases, and presumably in a-LTM-ETM phases more 
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generally, this still leaves the self-diffusivity of the LTM 
component much higher, by 103-106 times, than that 
of the ETM component. Further data and comparison 
may be found in the review by D6rner and Mehrer 
[19]. 

Tracer diffusivities have now been determined for 
several species in a-Ni-Zr. A comparison for 573 K is 
shown in Fig. 2. This shows clearly a tendency for 
smaller species to diffuse faster, with the greatest dis- 
parity being between the ETM and LTM species which 
occur at opposite ends of the size range. The size 
dependence of diffusivity can loosely be understood 
within the free volume model for atomic transport in 
liquids and glasses [32], if it is assumed that the critical 
free volume fluctuation for a diffusive jump scales with 
the volume of the diffusing species. However, it must 
be emphasized that the mechanisms of atomic diffusion 
in amorphous alloys are not yet well understood. While 
there appears to be a continuous range of diffusivities, 
at the extremes analogies with the diffusive mechanisms 
in crystals may be useful. The fast LTM diffusion can 
be regarded as predominantly interstitial, whereas the 
slow ETM diffusion is predominantly substitutional. 

The atomic size difference between ETM and LTM 
components appears to be important in giving the 
diffusional asymmetry essential for the SSAR. Further 
links between atomic size difference and amorphous 
phase formation are explored in the next section. 
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Fig. 2. Survey of  da ta  on  t racer  diffusivities at  573 K of  var ious  
species  in a m o r p h o u s  N i - Z r  alloys with xr~i >/0.5, showing a 
corre la t ion with the  a tomic  vo l ume  o f  the  diffusing species: Ni 
[21], Co [21, 29], Cu [21], Fe [21], Au [21, 30, 31], Ti [211, Hf 
[29] and  Z r - H f  interdiffusivity [22]. 

3. Glass-forming ability of binary alloys 

Anomalous fast diffusion of the type discussed above 
for LTM solutes in ETM hosts is known in several 
crystalline solid solutions. In each case, the host is an 
electropositive element with a large lattice parameter 
and the solute a noble metal or transition metal with 
filled or nearly filled d bands. The fast transport is 
mainly interstitial, even though in all cases the ratio 
of the atomic radius of the solute to that of the host 
(rUrh) is substantially greater than the Hfigg [33] em- 
pirical limit (rs/rh=0.59) for interstitial solution. For 
example (taking Goldschmidt radii), for nickel in zir- 
conium, rJrh is 0.78. Interstitial solution and transport 
are possible because the repulsive interaction between 
the solute and host atoms is particularly weak, in 
comparison with the solute-solute and host-host re- 
pulsive interactions. Also, the equilibrium separation 
of host and solute atoms in intermetallic compounds 
is substantially less than the sum of the host and solute 
atomic radii in their elemental phases. Turnbull [34] 
first pointed out that these characteristics of elemental 
combinations favouring fast diffusion also favour glass 
formation. Turnbull [34] considered the types of binary 
alloy with good glass-forming ability in rapid liquid 
quenching, but his discussion of the structure and 
stability of the glassy alloys would apply equally to 
amorphous alloys more generally (formed by methods 
other than rapid liquid quenching). In particular, it is 
notable that many stable amorphous alloys have, as 
their predominant component, an element of the type 
which would be a solute in fast diffusion and, as a 
stabilizing solute, an element of the type which would 
be a host in fast diffusion. The weak repulsive interaction 
between unlike atoms, noted in connection with fast 
diffusion, is associated in the liquid alloys with a volume 
contraction on mixing the elements, a negative enthalpy 
of mixing and marked short-range ordering as the 
temperature is lowered - all characteristics of good 
glass-forming ability. 

To aid in the selection of suitable alloys, there have 
been several attempts to find empirical correlations 
between glass-forming ability and readily available el- 
emental parameters. Probably the most generally ap- 
plicable correlations are with atomic sizes. It is found 
[35, 36] that, for a glass to be formed by rapid quenching 
of a liquid binary alloy, the atomic radii of the two 
components must differ by at least 10%. Two-parameter 
maps of glass-forming ability are useful for establishing 
correlations within a family of alloys (e.g. binary alloys 
of a particular metal). Among the most successful maps 
are those with atomic size ratio and the heat of mixing 
of the components [35]. Such a map for metal-Zr alloys 
is shown in Fig. 3. The correlation of glass-forming 
ability with atomic size difference was made more 
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Fig. 3. A map for binary zirconium alloys showing values of the 
maximum heat of mixing of the components and of the atomic 
radius ratio (r, radius of smaller component; R, radius of larger). 
The filled symbols indicate that glass formation is possible by 
rapid liquid quenching and a distinct region of the map is seen 
to correspond to glass formation. Systems not yet tested are 
indicated by ×.  (After Giessen [35].) 
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quantitative by Egami and Waseda [37]. They have 
shown that atomic size difference can be used to predict 
the glass-forming composition range in binary systems, 
the product of the minimum solute concentration for 
glass formation (at liquid quenching rates of approx- 
imately 106 K s -a) and the fractional difference in 
atomic volume being approximately 0.1. 

In conclusion, the atomic size difference found in 
systems such as Ni-Zr is favourable not only for the 
fast diffusion of nickel, but also for the stability of an 
amorphous phase formed by whatever means. Although 
tabulated values of atomic radii can be useful, the 
chemical considerations of Turnbull [34] show that the 
effective size can be modified by alloying effects and 
that sizes are not uncorrelated with other parameters. 

4. Interstitial transport and the nucleation of the 
amorphous phase 

When a multilayer of two polycrystalline metals is 
deposited for the SSAR, it is often the case that there 
is initially, before any annealing, a thin amorphous 
layer at each interface. The extent of this layer can 
be a sensitive probe of the deposition conditions [38, 
39]. When it is present, there is no nucleation stage 
for the SSAR. Even for ETM-LTM combinations, 
however, it is possible for the interfaces in an as- 
deposited multilayer to be ordered, in which case there 

is a nucleation barrier for the SSAR [40]. The nature 
of this nucleation barrier was studied in Ni-Zr by 
Vredenberg et al. [41], who showed that the SSAR 
does not occur at the interface between polycrystalline 
nickel and single-crystalline zirconium. The reaction 
can be initiated (and once initiated will proceed into 
the single-crystalline zirconium) by generating a thin 
amorphous layer by ion mixing, or by depositing an 
intermediate layer of polycrystalline zirconium. Pampus 
et al. [42] showed that the SSAR in Ni-Zr does occur 
at an interface between polycrystalline zirconium and 
single-crystalline nickel. The absence of the SSAR for 
single-crystalline zirconium was confirmed by Ehrhart 
et al. [43] who showed, however, that there was easy 
nickel transport through the single-crystalline zirconium 
sufficient to permit nickel segregation to the other side 
(in contact with a niobium substrate) of the 50 nm 
thick zirconium. Thus it seems that, in the absence of 
an initial amorphous phase, zirconium grain boundaries 
are necessary for its nucleation. Furthermore, it seems 
that high-angle boundaries are necessary, as Meng et 
al. [44] have shown that low-angle grain boundaries 
are not effective nucleation sites. 

This nucleation behaviour can be better understood 
by considering the interdiffusion which is likely to occur 
at an interface between (taking the same system) crys- 
talline nickel and zirconium. A typical temperature for 
the SSAR is 573 K [40, 45], at which an amorphous 
layer if nucleated grows to a limiting thickness of 
approximately 100 nm before the crystalline interme- 
tallic phase NiZr appears [44]. The amorphous layer 
would grow to 50 nm, half its limiting thickness, in 
approximately 2000 s [40, 45]. We now estimate dif- 
fusional penetration distances into the crystalline phases 
in the same time, if the amorphous phase does not 
nucleate. These distances are not accurately calculable 
because the relevant diffusivities have to be extrapolated 
from higher temperature data. Tracer diffusivities mea- 
sured for nickel into et-Zr are, as described above, for 
interstitial transport and indicate in the same time a 
penetration distance of 0.2/zm [12]. The substitutional 
diffusivity of nickel in a-Zr is not known, but can be 
assumed to be of the same order of magnitude as the 
self-diffusivity of zirconium, but somewhat greater. Sim- 
ilarly the substitutional diffusivity of zirconium into 
nickel can be assumed to be similar to, but somewhat 
lower than, the self-diffusivity of nickel. Taking the 
estimated values of the self-diffusivities at 573 K [13, 
15], the penetration distances in 2000 s are calculated 
to be 2×10  -14 m or more for nickel into ot-Zr and 
1.3 × 10-13 m or less for zirconium into nickel, distances 
much less than an atomic monolayer. In practice, the 
diffusivities might not be so low as the extrapolations 
suggest because of vacancy supersaturation; however, 
it is clear that there is negligible substitutional inter- 
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diffusion during anneals suitable for the SSAR, and 
indeed negligible mixing of any kind, for although the 
nickel can penetrate the zirconium significantly by in- 
terstitial diffusion, the interstitial solubility is very small. 
Thermodynamic calculations [46] for the Ni-Zr system 
show that, in an equilibrium between the elemental 
phases, there would be considerable solid solubility on 
each side, but it is important to note that the calculations 
are for mixing in a given crystal structure, i.e. they 
assume substitutional solution. Ehrhart et al. [43] found 
that the interstitial solubility was too low to be detected. 
A likely solubility limit is 0.1-0.2 at.%, based on similar 
systems [34]. It is known, however, that interstitial 
solubilities can be forced to higher, non-equilibrium 
levels by, for example, rapid liquid quenching [47]. For 
copper in yttrium (rs/rh = 0.71), an interstitial solubility 
of up to 12.5 at.% has been reached [47]. 

The distinction between substitutional and interstitial 
solubility has, for some time, been recognized as im- 
portant for diffusion in semiconductors. For example, 
copper diffuses interstitially in germanium, but has a 
small interstitial solubility. If copper diffuses into a 
sample of germanium, a substitutional solution is formed 
at all free surfaces and dislocations (and presumably 
also grain boundaries, if present), even those not in 
direct contact with the source of copper. Although the 
concentration of copper throughout the germanium is 
very low, the copper can readily be transported any- 
where, and the substitutional solution forms where 
there is a source of vacancies on the germanium lattice, 
permitting the copper to move from interstitial to 
substitutional sites. This "interstitial-substitutional" 
model of Frank and Turnbull [48] can be applied to 
LTM solutes in ETM hosts. 

In particular, we can examine the role of zirconium 
grain boundaries in nucleating the amorphous phase 
in Ni-Zr couples. At a grain boundary, the formation 
of an amorphous phase is analogous to the formation 
of a solid solution in the Frank-Turnbull model and 
can be understood as a type of substitutional dissolution. 
The amorphous phase is formed because, if the nickel 
segregation to a zirconium grain boundary is at all 
significant, the composition at the boundary would be 
such that a-Ni-Zr.would have a lower free energy than 
a substitutional solution of nickel in zirconium [46]. In 
the same way as for copper in germanium, the grain 
boundary is a source of vacancies or more generally 
a site where the zirconium mobility is higher. It is 
interesting that amorphization did not occur at the 
semicoherent interface between zirconium and niobium 
in the experiment of Ehrhart et al. [43]. Interstitial 
transport through 50 nm of zirconium permitted a 
saturation level of two or three monolayers of nickel 
to adsorb on the interface, but presumably the interracial 
dislocations cannot climb away from the interface to 

generate vacancies. Also of interest is that, as the 
experiments [41, 43] on single-crystalline zirconium 
show, the Zr-Ni interface does not itself give amor- 
phization. In any slight substitutional interdiffusion, 
however, the net flow of vacancies would be into the 
nickel and this could stifle rearrangements in the zir- 
conium at the interface. The easy propagation of the 
amorphization once started shows the rearrangement 
of the zirconium atoms is possible at the interface 
between the amorphous phase and the crystalline zir- 
conium. The growth of the amorphous phase is con- 
sidered in more detail in the next section. 

5. Diffusion in the amorphous phase: relaxation 
effects 

5.1. Interstitial transport and composition changes 
As discussed in Section 2, it is well established that 

the growth rate of the amorphous phase in the SSAR 
is controlled by the diffusivity of the LTM component 
in the amorphous phase, and not by the amorphization 
of the relatively immobile ETM lattice at the interface 
with the amorphous phase. The disparity between the 
LTM and ETM mobilities in the amorphous phase 
strongly suggests that the LTM transport is interstitial 
in character. Yet interstitial-like transport through the 
amorphous layer is not the only process within the 
amorphous phase. As the SSAR proceeds, any point 
in the amorphous phase continually increases in LTM 
content [22]. If the changes in LTM content of the 
amorphous phase could be entirely accommodated by 
interstitial solution, there would be no need for ETM 
mobility. It seems more likely, however, that there is 
an additional process by which LTM, supplied by in- 
terstitial transport, is incorporated into the structure 
of the amorphous phase. This transfer of LTM from 
interstitial-like to substitutional-like sites is a type of 
structural relaxation of the amorphous phase. As non- 
interstitial diffusion in amorphous phases is mediated 
by free volume rather than by discrete vacancies, and 
as free volume can be created or annihilated throughout 
the phase (and not just at an interface) [49], the transfer 
of LTM from one type of site to the other can presumably 
occur throughout the amorphous phase. As the LTM 
content of the amorphous phase changes, whether 
incorporated interstitially or substitutionally, there are 
associated changes in volume. As neighbouring regions 
change volume differently, stresses develop. In Sections 
5.2 and 5.3, we consider how diffusion in an amorphous 
LTM-ETM phase may be influenced by stress and by 
structural relaxation. The relationship of such effects 
to the kinetics of the SSAR has been briefly discussed 
previously [22]. 
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5.2. Stress effects 
Stephenson [50] has analysed thoroughly interdif- 

fusion in binary systems with components of differing 
mobilities. He has shown that stresses will develop as 
a result of interdiffusion if the product VM, where V 
is the partial molal volume and M is the mobility, is 
different for the two components. In an amorphous 
solid there is no need to consider vacancy concentration 
or concentration gradient, and in Stephenson's treat- 
ment [50] the chemical potentials of the components 
are dependent only on the external conditions and on 
the local composition and stress state, thus excluding 
any possible relaxation effects (considered in Section 
5.3). If the products VM differ for the two components, 
there is net transport by diffusion and this is assumed 
to be accommodated by newtonian viscous flow. Ste- 
phenson [50] shows that whether or not stresses have 
a significant effect on interdiffusion depends on the 
viscosity and the distance scale of the composition or 
stress profile. When regions changing volume differently 
are far apart, or where the viscosity is low, they exert 
little influence on each other; in this case the net 
interdiffusive mobility/I,7/is given by the Darken [51] 
relation 

-M=xzM, +xlM2 (1) 

where xi are the average mole fractions of the two 
components. For systems (like LTM-ETM amorphous 
phases) in which the mobilities M1 and M2 differ greatly, 
M is clearly dominated by the more mobile component. 
In contrast, when composition gradients are steep and 
viscosity is high, interdiffusion may be limited by the 
mobility of the slower component; this is the 
Nernst-Planck [52] regime in which 

fit= M~M~ 
(V ZxIMI + V22xzM2)p2 (2)  

where p is the density (mol m -3) of the average 
composition. Between these two limits there is a regime 
in which the rate-limiting step for interdiffusion is viscous 
flow. The variation of M as a function of the wavenumber 
k (=  2~r/A) of the composition profile reduces when 
M, >>M~ to 

( ~ )(x2Ma) + MIM2 k2 

)~t = (3) 

( ~  ) + Pzx~ V~2M, k= 

where r/is the shear viscosity at the average composition. 
The interdiffusivity is related to h~/by 

6 =I(,IRT¢ (4) 

where R is the gas constant, Tis the absolute temperature 
and • is a thermodynamic factor discussed in Section 
6. The form of variation o f /9  with A, derived from 
eqns. (3) and (4), is shown in Fig. 4, which has been 
calculated for a-NissZr45 at 529 K in order to be 
applicable to the interpretation of the/3 measurements 
of Atzmon and Spaepen [53], discussed below. The 
mobilitiesM1 and M2 are related to the tracer diffusivities 
DI* and D2* by 

Mi- Di* RT (5) 

The tracer diffusivities at 529 K were estimated from 
data quoted in ref. 22 for similar compositions and 
temperatures to be DI* =DNi *= 2.6 × 10 -21 m 2 s -1 and 
D 2 * - - D z r  *= 3.3 × 10 -27 m 2 s -1 .  The partial molal vol- 
ume V1-VNi=5.9×10 -6 m 3 mol -~ and the density 
p = 1.04 × 105 mol m-a at xl --Xsi = 0.55 were calculated 
from data in ref. 54. The thermodynamic factor is taken 
to be q~= 24, the value estimated (Section 6) for a- 
NisoZrso at 550 K. The viscosity of a-Ni-Zr has not 
been measured. We assume that it is governed by the 
diffusivity of the slow component, through the 
Stokes-Einstein relation 

kBT 
r / -  67rrDzr* (6) 

where kB is the Boltzmann constant and r is a char- 
acteristic radius taken to be the ionic radius [55] of 
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Fig. 4. N i -Zr  interdiffusivity/5 in amorphous Ni55Zr45 at 529 K 
as a function of the distance scale of the composition or stress 
profile. The full line was calculated from the tracer diffusivities 
of Ni and Zr  in the amorphous alloy using the analysis of 
Stephenson [50]. At  large distance scale, /5 is limited by the 
diffusion of the faster component  (the Darken regime); at small 
distance scale,/5 is limited by the diffusion of the slower component  
(the Nernst-Planck regime); between these regimes/)  is controlled 
by the rate of plastic deformation. For a-NissZr45 the transition 
in behaviour occurs at Aerlt = 17 nm. The data points are inter- 
diffusivities measured in amorphous compositionally modulated 
multilayers of average composition Ni55Zr45 by Atzmon and 
Spaepen [53]. 
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zirconium. Our estimate of ~7 (529 K) is 1.25 x 1015 Pa 
s. The critical distance scale A=,t for the composition 
profile marking the middle of the transition from Darken 
to Nernst-Planck behaviour is given by [50] 

/~crit = 2~'(16r/Zxl~--~2~ M2 g12) TM (7) 

and for a-NissZr45 at 529 K is estimated to be 17 nm. 
Interdiffusion when the composition profiles have dis- 
tance scales of this order or smaller is expected to be 
dominated by stress effects. 

The measurements of Atzmon and Spaepen [53] were 
on compositionally modulated amorphous thin films and 
showed tha t / )  was dependent on the wavelength (~  3 
nm < A < ~ 5 nm) of the (approximately sinusoidal) com- 
position modulation. For h = 3 nm and 4.5 nm, / )  was 
found to be 4.0X 10 -24 m z s -1 and 8.45X 10 -24 m 2 s -a 
respectively. These values are in contrast with the 
interdiffusivity estimated in the Darken regime (stress 
insignificant, eqns. (1), (4) and (5)), given by 
/) = 2.81 x 10 - 2o m z s-  1 at 529 K. That the interdiffusivity 
measured by Atzmon and Spaepen [53] is three to four 
orders of magnitude less than the value expected in 
the Darken regime shows clearly that there is a strong 
limitation on interdiffusion, presumably stress, consis- 
tent with the Stephenson analysis [50] and our estimate 
o f  Acrit. Furthermore, the measured values o f / )  at A = 3 
nm and 4.5 nm are found to lie very close to the 
calculated line in Fig. 4. While this lends strong support 
to the suggested interpretation, such close agreement 
must be regarded as largely fortuitous, given the un- 
certainties in the material parameters (notably viscosity) 
and in the application of such a large thermodynamic 
factor as q~= 24 within the Darken analysis (Section 6 
[56]). Furthermore, with the step concentration gra- 
dients at which stress effects are important, there may 
also be chemical gradient-energy effects on the inter- 
diffusion [53]. 

5.3. Structural relaxation effects 
In a typical SSAR experiment, diffusion distances 

are somewhat greater than the critical wavelength es- 
timated for a-Ni-Zr, and therefore stress effects are 
not expected to dominate. However, slow structural 
relaxation can still inhibit interdiffusion, particularly 
when (unlike the previous case) the average composition 
of the amorphous phase is changing. Evidence for 
relaxation effects was reported in our earlier results 
[22, 57, 58] on trilayered thin films consisting of a 40--45 
nm thick amorphous LTM-Zr layer (LTM = Co, Ni or 
Fe) sandwiched between two elemental layers of LTM. 
The in-diffusion of mobile LTM atoms into the amor- 
phous layer is analogous to that occurring during the 
SSAR and causes significant composition changes; it 

must be analysed as chemical diffusion, not self- or 
tracer diffusion. It is important to take into account 
the changes in the Gibbs' free energy of the amorphous 
phase as the reaction proceeds. In principle, the com- 
position of the amorphous phase should change until 
metastable equilibrium is achieved. The original aim 
of the experiments was to determine the metastable 
equilibrium (common tangent) composition of the amor- 
phous phase in contact with the LTM elemental layer 
during solid state amorphization. However, as indicated 
by our data (reviewed below), the diffusional asymmetry 
between zirconium and the very mobile LTM elements 
(Section 2) means that the metastable equilibrium 
composition cannot readily be achieved. 

As the LTM elements diffuse into the LTM-Zr 
amorphous alloy, the relative inability of the zirconium 
atoms to move impedes the evolution of local atomic 
configurations which would be necessary to maintain 
the amorphous phase in internal equilibrium. As de- 
scribed in Section 5.1, this may be thought of as the 
LTM atoms moving from interstitial to substitutional 
sites. The loss of internal equilibrium implies that, 
during composition changes due to LTM in-diffusion 
into an amorphous layer, the Gibbs' free energy of the 
amorphous phase will evolve along a path of higher 
values than those for the fully relaxed case. This hy- 
pothetical effect is illustrated in Fig. 5. The two broken 
lines correspond to different starting compositions for 
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Fig. 5. A schematic Gibbs '  free energy diagram for the Co-Zr  
(or Ni-Zr)  system, showing the curve for the crystalline solid 
solution of cobalt (or nickel) and the curve (full line) for the 
amorphous phase in internal equilibrium. If the amorphous phase 
changes its composition, it is difficult for it to remain in internal 
equilibrium and its actual free energy (broken lines) may be 
higher, giving a changed metastable equilibrium composition (from 
the common tangent constructions shown) in contact with the 
elemental  solid solution. 
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the amorphous phase. It is important to note that this 
effect of the diffusional asymmetry would imply different 
compositions for the metastable equilibria, as illustrated 
in Fig. 5 by the common tangents for the crystalline 
solid solution and the amorphous phase.' Stresses de- 
veloping as a result of composition change in the 
amorphous layer will have effects which, although ex- 
pected to be small, could also be described by Fig. 5. 
In the following, "relaxation" is used to mean either 
structural or stress relaxation, but structural relaxation 
is presumed to be dominant. 

In Fig. 6, the results of annealing experiments in 
trilayered Co-Coloo_xZr:Co films are summarized [22, 
57, 58]. The changes in the composition at the middle 
of the amorphous middle layer, which were measured 
using Rutherford backscattering spectroscopy (RBS), 
are shown. The results from both sputter-deposited and 
electron-beam-evaporated films are included in the 
figure. For both types of films a similar in-diffusion of 
cobalt on annealing is observed. In Fig. 6 the arrows 
denote irradiation with 1 × 1015 Xe ÷ ions cm -2 at 500 
keV between anneals. The broken lines show the be- 
haviour on annealing following irradiation. Transport 
of ions in matter (TRIM) [59] calculations with a 
displacement threshold energy of 25 eV suggest that 
this dose corresponds to an average of approximately 
17 displacements per atom (d.p.a.) in the middle layer. 
Although this is sufficient to displace essentially all the 
atoms, it is not enough to cause significant long-range 
atomic mixing, as discussed elsewhere [60]. Furthermore, 
no difference was observed in the in-diffusion rate 
between films which had been irradiated prior to the 
first anneal and unirradiated films of the same com- 
position. 
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Fig. 6. The composition of the midpoint  of the amorphous layer 
in trilayer Co-COloo_xZrx-Co films after chemical diffusion of 
cobalt from the outer  elemental  crystalline layers during annealing 
at 693 K (VI), 673 K ( l l )  and 653 K (A). The arrows and the 
corresponding broken lines denote  irradiation with 1 X 1015 Xe ÷ 
cm -2 at 500 keV at room temperature  prior to annealing. (After 
ref. 58.) 

Without irradiation, the in-diffusion is found to level 
off at different compositions, depending on temperature. 
Although the composition of the relaxed amorphous 
phase in metastable equilibrium with the elemental 
cobalt layer is, in principle, temperature dependent, 
the composition could not show a strong temperature 
dependence. Also, particularly at the lower annealing 
temperatures, there is still a slow upward drift of the 
cobalt content after the initial rapid rise. Thus it is 
clear that the metastable equilibrium with the relaxed 
amorphous phase has not been achieved in these an- 
neals. In accordance with the model sketched in Fig. 
5, the cobalt contents at which the in-diffusion levels 
off are higher for higher initial cobalt contents and for 
higher temperature. At higher temperature more re- 
laxation of the zirconium configuration is possible. The 
drift in saturation cobalt content at lower temperatures 
may reflect an ongoing slow zirconium relaxation. A 
significant enhancement of the in-diffusion is observed 
if a sample with saturated cobalt content is irradiated 
before further annealing. The substrate temperature 
during the irradiation at room temperature (300 K) is 
below [60, 61] the critical temperature where radiation- 
enhanced diffusion sets in; thus the accelerated in- 
diffusion cannot occur during the irradiation. Also, as 
pointed out above, irradiation has no effect on the 
diffusion into samples not previously annealed. We 
suggest that the irradiation assists relaxation of the 
amorphous phase, which has an unrelaxed configuration 
because of prior in-diffusion. The irradiation may enable 
the relatively immobile zirconium atoms to adjust their 
configurations to the changed composition, in that way 
lowering the free energy of the amorphous phase. 
Consequently, the activity of the cobalt in the amorphous 
phase will decrease and there will be a driving force 
for further in-diffusion, as observed. Clearly, further 
studies are needed to understand better the role of 
heavy-ion irradiation prior to annealing, in particular 
to distinguish the effects of structural relaxation and 
stress relaxation in the amorphous phase. 

As shown in Fig. 6, the Co content at the middle 
of the amorphous layer rises at a decreasing rate (best 
illustrated at lower temperature, e.g. 653 K, where the 
pseudo-saturation is reached less quickly). It has been 
pointed out elsewhere that this behaviour can be in- 
terpreted as being due to diffusion limitation [58]. 
However, it should be noted that it is not the intrinsic 
mobility of the cobalt that is rate limiting, but rather 
the relaxation effects discussed above which inhibit the 
diffusion. Taking the tracer diffusivity of cobalt in these 
samples to be the same as that measured in a-Co89Zrll 
[19] (as seems reasonable, to a good approximation), 
the diffusion penetration depth would equal the amor- 
phous film thickness (45 nm) after just 5 min at 653 
K. In contrast, the data in Fig. 6 show diffusional 
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kinetics extending far beyond this time. The slower 
kinetics are interpreted here as reflecting primarily the 
difficulty of getting the cobalt into substitutional solution 
in the amorphous phase. 

In-diffusion has also been studied in trilayer films 
of Ni-Nilo0_xZrx-Ni with x=33, 48, 50 and 51 at.%. 
The nickel content of the amorphous middle layer after 
annealing at 673 K is shown in Fig. 7 for films with 
starting compositions x=  33 and 51 at.%. There is the 
same tendency as with the Co-Zr trilayers for the in- 
diffusion to level off before metastable equilibrium with 
the relaxed amorphous phase is achieved. 

In Fig. 8 the composition changes in the amorphous 
middle layer of Fe-Fel0o_xZrx-Fe films are shown after 
1 h anneals at 723, 773 and 823 K [62]. In 
Fe-Fe44Zrs6-Fe, a net out-diffusion of iron from the 
amorphous layer is observed, while in Fe-Fe53Zr47-Fe 
in-diffusion is observed. For Fe-Fe67Zr33-Fe , no com- 
positional change could be detected within our exper- 
imental resolution in RBS of approximately 1 at.%. 
These results are incompatible with there being a single 
common tangent composition which is being ap- 
proached, but can be explained if the amorphous Fe-Zr 
phase has a Gibbs' free energy varying with composition 
as shown in Fig. 9. Here the free energy has two minima 
with a maximum at approximately 50 at.%. Thus the 
in-diffusion and out-diffusion measurements directly 
indicate a tendency to phase separation in amorphous 
Fe-Zr, as was originally proposed by Krebs et al. [63], 
based on indirect evidence from magnetic measure- 
ments. It should be noted that Ni-Zr and Co-Zr, showing 
relatively rapid in-diffusion, are well known to exhibit 
complete solid state amorphization [40, 64]. In contrast, 
the Fe-Zr system, exhibiting phase separation and very 
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Fig. 7. The composition of the midpoint of the amorphous layer 
in trilayer Ni-Ni~00_xZr,-Ni films after chemical diffusion of nickel 
from the outer elemental crystalline layers during annealing at 
673 K. The starting compositions of the amorphous phase are 
x=33  and x=51  at.%. (After ref. 58.) 
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Fig. 9. Schematic Gibbs' free energy diagram for amorphous 
Fe-Zr ,  showing that phase separation is thermodynamically fa- 
vourable. The arrows correspond to the composition changes 
observed in trilayer diffusion experiments (Fig. 8). 

sluggish in-diffusion, has been found not to exhibit 
complete solid state amorphization [65]. 

In summary, our studies of trilayered thin films show 
that the diffusion of the LTM into amorphous films 
of Co-Zr, Ni-Zr and Fe-Zr is not as fast or as great 
as would be expected from tracer diffusivities of the 
LTM. It is proposed that the inhibition of the in- 
diffusion arises from a sluggish relaxation process, and 
that this process is the transfer of LTM from interstitial 
to substitutional sites in the amorphous phase. Stress 
effects are not expected to be dominant at the diffusion 
distances involved, but cannot be ruled out. Structural, 
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rather than stress, relaxation effects should be important 
when, as in all the trilayer experiments, the average 
composition of the amorphous phase is changing. 

Some further evidence for sluggish relaxation pro- 
cesses in amorphous ETM-LTM systems comes from 
experiments by Tu and Chou [66] on amorphous trilayers 
Ni4oZrro-Ni73Zr27-Ni4oZr6o . On annealing, nickel dif- 
fuses out of the central layer, and at intermediate 
temperatures this is accompanied by voiding, suggesting 
that the relatively immobile zirconium cannot readily 
accommodate the consequent volume change. 

6. Diffusion in the amorphous phase: 
thermodynamic effects 

In this section we review our earlier, more conven- 
tional interdiffusion measurements [58], examining the 
influence of the mixing thermodynamics of the amor- 
phous phase on the rate of diffusion in the SSAR. As 
described in Section 2, the three elements Co, Ni and 
Fe have very similar atomic sizes and similar diffusion 
behaviour in a-Zr and in their amorphous alloys with 
Zr. This suggests that the sluggish in-diffusion of Fe 
into amorphous Fe-Zr described in Section 5.3 orig- 
inates from the thermodynamic influence on chemical 
diffusion. To investigate this, we studied interdiffusion 
in composition-graded amorphous thin films of Fe-Zr 
and Ni-Zr. Although there may be structural or stress 
relaxation effects (as described in Section 5) in these 
measurements, the effects should be small and should 
in any case be very similar for Fe-Zr, so not affecting 
the comparison of the two systems. 

The chemical diffusivity of nickel in amorphous Ni-Zr 
has been determined from films having the average 
composition of NiasZr52 and an initial composition 
graded monotonically from NisaZr46 to Ni43Zr57 through 
a thickness of approximately 120 nm [58]. The com- 
position profile was determined by RBS to be ap- 
proximately sinusoidal with a period equal to twice the 
film thickness. It should be noted that the distance 
scale of this composition profile is well in excess of 
the critical value, 17 nm (Section 5.2), below which 
stress effects should be significant. The interdiffusion 
coefficient was derived from an analysis of the time 
dependence of the composition during annealing, using 
a standard solution of the diffusion equation 

cO,, t)=c(y, t=o )  exp(-k2/)t) (8) 

where c(y, t) is the deviation from the average com- 
position and k=  2¢r/2d with d being the thickness of 
the film. The interdiffusivities/) of amorphous Ni4sZrs2, 
evaluated at selected annealing temperatures from the 
change in composition profile measured by RBS [58], 
are shown in Fig. 10. Data from Hahn et al. [67] 
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Fig. 10. Average interdiffusivity ( /))  in an amorphous thin film 
(120 nm thick) of average composition Ni4sZr52, with composition 
graded through its thickness from Nis4Zr46 to Ni4aZr57 (0).  Data 
on (/))  in an amorphous sample graded from NirlZr39 to Ni33Zr67 
from ref. 67 are shown for comparison (0).  

obtained using the same method are shown for com- 
parison. Rearranging eqns. (1), (4) and (5), we have 
the well-known Darken equation [51] 

D = (x2DI* +xlD2*)crp=x2Ol +x~D2 (9) 

where Di are the chemical diffusivities of the com- 
ponents. Because the diffusivity of Zr can be assumed 
to be negligible [22], the chemical diffusivity of nickel 
can be evaluated as Dsi=lg/Xzr. 

In identical experiments on graded amorphous films 
with compositions averaging in each case Fe5oZrso, but 
ranging between Fe7oZr3o-Fe3oZr7o, Fe6oZr4o-Fe4oZr6o 
and Fe55Zr45-Fe45Zr55, no compositional changes could 
be detected within our experimental resolution after 
annealing for 6 h at 723 K or for 4 h at 823 K. After 
the treatment at 823 K, incipient crystallization could 
be detected in the Zr-rich regions of some films with 
a larger composition range. The lack of detectable 
interdiffusion enables us to establish an upper limit 
using eqn. (2) for the interdiffusivity in amorphous 
FesoZrso at 723 K. Taking Dye =D/xve, the corresponding 
upper limit on the average chemical diffusivity of iron 
Dw is 5×10  -2~ m 2 s -1. 

We now attempt to understand this low value in 
terms of the mixing thermodynamics of the amorphous 
Fe-Zr phase. First, however, it is important to note 
the difficulties with chemical diffusivity measurements 
in metallic glasses. One problem is that the measured 
diffusivity can only be an average diffusivity for the 
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whole of the composition range in the experiment. Of 
greater importance is the influence of structural re- 
laxation in the amorphous ph. ase [49, 68]. The relaxation, 
which causes a reduction in diffusivity, is more complete 
in higher temperature diffusion anneals. Consequently, 
measured activation energies for diffusion are often 
erroneously low and without direct physical significance. 
In contrast with tracer diffusion measurements, the 
composition range necessary in samples for chemical 
diffusion measurements limits the possibilities for ther- 
mal treatments. Experimentally it is very difficult to 
maintain a sample in the same state of relaxation during 
a series of measurements or to compare different sam- 
ples in the same degree of relaxation. 

The thermodynamic factor 4) in eqns. (4) and (9) 
arises from the non-ideal mixing of the components. 
For a given system it is a function of composition and 
temperature, and has the form 

4)= ~ \ Ox 2 ] (10) 

where G is the molar Gibbs' free energy of the phase 
in which the diffusion is occurring. Clearly the chemical 
diffusivity is strongly influenced by the composition 
dependence of G and will even be negative if i~2G/it:¢ 2 

is negative. For a regular solution at the equiatomic 
composition, eqn. (10) reduces to 

2AHmix 
4)=1 (11) 

RT 

where AHmix is the molar heat of mixing at the equiatomic 
composition. The tracer diffusivities of iron in a-Fe-Zr 
[20] and of nickel in a-Ni-Zr [57] have been measured 
by radiotracer techniques. Table 1 shows estimated 
values of tracer and chemical diffusivities of the LTM 

TABLE 1. A comparison of tracer DLan~* and chemical (DLTM) 
diffusivities at average composition of the late transition metal 
(LTM) components in amorphous Ni-Zr  and Fe-Zr  alloys at 
550 K. The thermodynamic factor • in the Darken relation (eqn. 
(9)) has been calculated for the equiatomic composition. This 
should equal the measured ratio (DLTM)/DL~*, but experimental 
uncertainties are large 

in amorphous Fe-Zr and Ni-Zr at 550 K. The ratio 
of the average chemical diffusivity to the tracer diffusivity 
(DLa~)/DLan~* is found to be less than unity for a- 
FesoZrso and approximately 14 in a-Ni4sZr52. This ratio 
is the thermodynamic factor in eqn. (3), but these 
diffusion measurements can only give a rough estimate 
of it, because of the relaxation effects mentioned earlier. 
The thermodynamic factor can also be estimated from 
the empirical analysis of Miedema and coworkers [69] 
(values for the equiatomic composition also in Table 
1) which fails to indicate any phase separation in a- 
Fe-Zr (Section 3), but which does agree with experiment 
insofar as the thermodynamic factor for a-Ni-Zr is 
more positive than that for a-Fe-Zr. It may be that 
the regular solution model is not a good approximation 
for a-Fe-Zr, in which the enthalpy of mixing appears 
to be negative while there is a tendency for phase 
separation. In any case, the thermodynamic factor in 
a-Fe-Zr must be small within the miscibility gap, and 
this is consistent with the chemical diffusivity of iron 
being smaller than its tracer diffusivity. Further ex- 
periments are under way to clarify the relationship 
between the tracer and chemical diffusivities of nickel 
in a-Ni-Zr, as it has been suggested that the Darken 
relation (eqn. (9)) might break down in a system with 
a strongly negative heat of mixing [56], with /5 not 
being as strongly enhanced by 4) as expected. In these 
experiments, care is being taken to ensure that the 
comparison of diffusivities is in samples with the same 
degree of relaxation. 

In summary, chemical diffusivity studies confirm the 
importance of the thermodynamic factor in eqn. (9). 
In spite of a large negative heat of mixing and a 
relatively large tracer diffusivity for iron, the chemical 
diffusivity of iron in a-Fe-Zr is low and the Fe-Zr  
system exhibits only a poor amorphous phase-forming 
tendency in the SSAR, in comparison with Ni-Zr and 
Co-Zr. The small chemical diffusivity in a-Fe-Zr arises 
from a low value of the thermodynamic factor associated 
with the phase's tendency to phase separation. 

7. Conclusions 

Parameter FesoZrs0 NisoZrs0 

(DLTM) a (m 2 s -I)  <0 .5×10  -2° 10 ×10 -z° 
DLTM* (m 2 s -1) 0.5 × 10 -2°b 0.7 X 10 -20c 

(DLTM)/DLTM* < 1 14 
13 24 

aValues from ref. 58 for a-Ni4sZr52. 
bValue interpolated from ref. 20. 
CValue from ref. 27. 
dThermodynamic factor estimated for a regular solution using 
eqn. (11), with the heat of mixing at the equiatomic composition 
calculated from the semi-empirical model of Miedema and co- 
workers [69]. 

Diffusional aspects of the solid state amorphization 
reaction (SSAR) in early transition metal-late transition 
metal (ETM-LTM) systems have been reviewed. The 
LTM components are anomalous fast diffusers in crys- 
talline ETM hosts, but not vice versa. Fast, interstitial- 
like transport also appears to apply to the LTM com- 
ponent in ETM-LTM amorphous alloys. The size dif- 
ference between the LTM and ETM species and their 
bonding characteristics lead to this diffusional asym- 
metry, but are also associated with relatively stable and 
easily formed amorphous structures. The amorphous 
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phase may be present at as-deposited ETM-LTM in- 
terfaces but, if it is not, grain boundaries in the ETM 
elemental phase are necessary for its nucleation. The 
formation of the amorphous phase at ETM grain bound- 
aries is considered to be analogous to the formation 
of a substitutional solid solution at semiconductor grain 
boundaries in the interstitial-substitutional model of 
Frank and Turnbull [48]. During nucleation and growth 
of the amorphous phase the dominant transport mech- 
anism is interstitial, with substitutional mixing being 
negligible. However, compositional changes in the amor- 
phous phase lead to the development of stresses. Ac- 
cording to the analysis of Stephenson [50], it is estimated 
that stress effects will significantly inhibit interdiffusion 
in the amorphous phase for composition changes over 
distances less than approximately 17 nm, and there is 
quantitative evidence for this in compositionally mod- 
ulated a-Ni-Zr. Composition changes also require struc- 
tural relaxation of the amorphous phase which can be 
viewed as transfer of the LTM component from in- 
terstitial-like to substitutional-like sites. Evidence for 
inhibition of diffusion by sluggish relaxation kinetics is 
found in trilayer in-diffusion experiments on a-Co--Zr 
and a-Ni-Zr, which show that ion irradiation can stim- 
ulate the structural relaxation and permit further in- 
diffusion of the LTM component. The role of stresses 
in these experiments is presumed to be small, but 
remains to be clarified. A comparison of the diffusion 
of Fe in a-Fe-Zr and a-Ni-Zr shows that while the 
tracer diffusivities are very similar, the chemical dif- 
fusivity of iron is very low. This is related to the behaviour 
in trilayer experiments on a-Fe-Zr in which both in- 
diffusion and out-diffusion of iron were found, showing 
a tendency for phase separation in the amorphous 
phase. This leads to relatively sluggish diffusion and 
poor amorphization in Fe-Zr. 
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